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ABSTRACT: Nanostructured MnO2 is renowned for its excellent energy
storage capability and high catalytic activity. While the electronic and
structural properties of MnO2 surfaces have received significant attention,
the properties of the grain boundaries (GBs) and their contribution to the
electrochemical performance of the material remains unknown. Through
density functional theory (DFT) calculations, the structure and electronic
properties of the β-MnO2 Σ 5(210)/[001] GB are studied. Our calculations
show this low energy GB has a significantly reduced band gap compared to
the pristine material and that the formation of oxygen vacancies produces
spin-polarized states that further reduce the band gap. Calculated formation
energies of oxygen vacancy defects and Mn reduction at the GB core are all
lower than the equivalent bulk value and in some cases lower than values
recently calculated for β-MnO2 surfaces. Oxygen vacancy formation is also
shown to produce a metallic behavior at the GB with defect charge distributed over a number of oxygen and manganese sites.
The low energies of oxygen defect formation and the potential creation of conductive GB pathways are likely to be important to
the electrochemical performance of β-MnO2.
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1. INTRODUCTION

The need for materials with higher energy capacity and storage
for various applications including hybrid electric vehicles and
renewable energy sources is an ongoing issue in materials and
energy science. Many conventional battery and catalytic
materials have significant disadvantages, for example, the cost
of LiCoO2 and the difficulty in its disposal. Whereas β-MnO2 as
an electrode material and catalyst is easy to prepare, low in cost
and low in toxicity.1 The search for safer, cheaper and more
efficient energy storage materials has resulted in considerable
research of manganese oxides in recent years.2−4

One of the most important applications of β-MnO2 is as a
cathode in Li-ion batteries, although studies of bulk β-MnO2
show no significant Li-ion intercalation5,6 as a likely result of
the narrow tunnels present in the rutile structure.4 More recent
studies show that nanocomposite and mesoporous β-MnO2
samples possess good Li-ion intercalation,7,8 high capacities5,7,9

of up to 320 mAh g−1 and good cycling stability.5 In addition,
ac impedance measurements have demonstrated increased Li
diffusion in nanosized materials.10 MnO2 is also important in
numerous catalytic processes. An example of which is its
application in electrochemical ORRs, which are essential in a
variety of energy storage and conversion applications including
metal−air batteries and fuel cells.4,11 This technology is the
basis of the Li−O2 battery system, which is an alternative to
conventional Li-ion batteries and could potentially significantly
increase specific energy density.12 An overview of other
catalytic applications of manganese oxides is available else-

where.13 Nanostructured β-MnO2 also shows potential as a
supercapacitor electrode material.14,15 Upon nanostructuring of
the material, a significant increase in the capacitance (285 F
g−1)14,15 is observed when compared to the bulk material. It has
been proposed that the cause of this dramatic increase in
capacitance is a result of the greater surface area exposure as a
result of the nanostructuring.13

Despite the clear importance of nanostructuring of this
material, the understanding of how it drastically improves many
of its electrochemical properties is still lacking. It is only
recently that the interfaces of this material have been analyzed
in any great detail. So far, the primary focus has been on
surfaces.13,16−21 Tompsett et al.13,16 used density functional
theory (DFT) with the generalized gradient approximation
(GGA) and Hubbard U corrections to consider the importance
of surface to bulk Li-ion migration as well as the structure of
numerous β-MnO2 surfaces and the effect oxygen vacancy
formation has on the catalytic properties of these surfaces. They
found that the formation energies of oxygen vacancies and Mn
reduction were low compared to the bulk and other rutile
structures which suggests high electrochemical performance of
β-MnO2 surfaces. Mellan et al.17 used the same computational
approach for calculating lithium and oxygen adsorption at the
(110) surface of β-MnO2. Studies by Oxford and Chaka
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the GGA without U corrections to study heavily oxidized and
reduced low index surfaces as well as the effects of surface
hydration. The catalytic activity of β-MnO2 surfaces for
application in ORRs has also been assessed using DFT
simulations.4,20

In a previous study,21 we used interatomic potential methods
to investigate the lowest energy structures for a number of β-
MnO2 grain boundaries (GBs) and then proceeded to calculate
the energies of Mn4+ reduction and oxygen vacancy formation.
Both reduction and oxygen formation energies were shown to
be favored in and around the GB core suggesting a potentially
higher catalytic activity at the GBs. The Σ 5(210)/[001] GB
was also shown to be the most stable out of those tested. It is
not yet known what the concentration of GBs is in these
nanostructured β-MnO2 samples. While GBs will play a more
significant role in determining the properties of bulk samples,
the GB concentration in the more electrochemically active
nanostructured samples will be significantly reduced. However,
GBs adjacent to the highly active surfaces in these samples are
likely to be important in influencing the electrochemical
properties. Given the importance of electronic structure,
oxygen vacancy formation and reduction in the electrochemical
applications that have been described, it is important that a
study with the focus on GBs is completed to complement
previous surface and bulk studies.
In this study, we use GGA+U calculations to analyze the

atomic and electronic structure of the β-MnO2 Σ 5(210)/[001]
GB. We then assess the effect of cation reduction and oxygen
vacancy formation on these structures and the potential
catalytic activity of the GB. We begin by describing our
computational approach and justifications for using such
methods. This is followed by details of the GB local structure
and stability as well as a discussion of its electronic structure.
Finally, we consider oxygen vacancy formation at the GB and
determine the consequences for electrochemical performance
from the defect energetics, electronic structures and charge
analysis.

2. METHODOLOGY
When low symmetry structures with complex electronic and magnetic
properties are considered, the accuracy of DFT calculations is often
essential. However, because of their computational expense, it is
sometimes necessary to begin by using a more computationally
efficient technique. Building upon our previous work,21 we use
interatomic potentials to find the lowest energy GB structures. These
selected structures can then be simulated using DFT to better describe
their complex properties. For the interatomic potentials calculations,
the interionic interactions are simulated using the Born model for ionic
solids. In this model ions are treated as charged spheres where the
short-range forces are accounted for by the interatomic potentials and
the long-range ionic interactions are treated using Coulombic terms.
The methods discussed in this section are well established, and
comprehensive reviews are available elsewhere.22 We use the proven
potential model of Maphanga et al.23,24 This model has been
successfully used for a number of studies of β-MnO2

9,25 and has
recently been used to find the lowest energy surface structures of the
material,13 which were then used as starting points for ab initio
calculations, as done for this work also. The model reproduces the
lattice parameters of the bulk β-MnO2 structure to within 2% of
experiment. All interatomic potential calculations in this work were
completed using the General Utility Lattice Program (GULP).26

The lowest energy Σ 5(210)/[001] GB structure was tested using
DFT+U calculations with the GGA27 and projector augmented-wave
(PAW)28 methods. All ab initio calculations were completed using the
VASP29 code. We use a cutoff energy of 500 eV for all calculations. A

k-point grid of 2 × 2 × 3 was used for the GB supercell calculations.
The value of the U parameter used for our calculations was chosen on
the basis of previous work on β-MnO2 surfaces.

13,16 The values were
determined using Wien2k30,31 and have been shown to accurately
describe Li intercalation, band gaps and magnetic interactions.13

However, it is only when the U parameter is applied in the fully
localized limit that such descriptions are achieved. Further details on
the impact of the values and nature of the U parameter on this material
are available in a previous publication.32 The fully localized limit is
used in this work and we employ values of U − J = 5.1 eV, for the
spherical part of the interaction, and J = 1.0 eV. A collinear
antiferromagnetic ordering is used in all our calculations. This ordering
is the lowest energy magnetic configuration32,33 for the rutile cell, but
is not the lowest for this oxide as there is a noncollinear screw-type
magnetic structure below 92 K.34 The calculated total energies are
unlikely to be affected by this difference because of the weak coupling
indicated by the low transition temperature to paramagnetism.17 The
crystal and magnetic structures used in this work are illustrated for the
bulk and GB structures in Figure 1. The lattice parameters calculated
using GGA+U (a = 4.439 Å, c = 2.932 Å) are within 2% of the
experimental values (a = 4.398 Å, c = 2.873 Å).35

The Σ 5(210)/[001] GB was chosen for this work, as it is
commonly observed in rutile structures and has been featured in
numerous studies of TiO2 GBs.

36−38 It has also recently been shown
to be significantly more stable than various other GBs in β-MnO2.

21

The starting GB configuration is formed using coincident site lattice
(CSL) theory. A common problem with simulating GBs is that there
are often ions with the same charge in close proximity at the boundary
which leads to increased Coulombic repulsion and unstable GBs. We
address this issue by the common approach of exploring the γ-surface
of the GBs. Using rigid body translations, one grain can be displaced
with respect to the other in various three-dimensional translation
states. This method is crucial in finding the global minimum and works
by calculating the GB energy at each translation. The GB energy is
calculated by

σ =
−E E

A2GB
GB bulk

(1)

where EGB and Ebulk are the energies of the GB and the bulk supercell
respectively, and A is the area of the interface. The area of the interface
is doubled to account for the presence of the two equivalent GBs in

Figure 1. Unoptimized crystal structures of (a) bulk β-MnO2 and (b)
the β-MnO2 Σ 5(210)/[001] GB. The arrows represent spin
polarization indicating the magnetic arrangement used in the
calculations. Red spheres represent oxygen ions and blue spheres
represent manganese ions.
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the supercell. The energy was calculated as a function of translation
states with increments of about 0.01 nm. This approach has been used
for simulations of GBs in many different materials.39−42 The GB
supercell has dimensions of a = 5.82 Å, b = 13.96 Å and c = 33.76 Å
with a total of 288 ions.
Vacancy formation energies in this work are calculated from the

following reduction reaction:

+ → + ′ +• •O 2Mn V 2Mn
1
2

Ox x
O Mn O

 
Mn 2(g) (2)

In all our calculations, we assume a reduction cluster where the two
reduced Mn ions neighbor the oxygen vacancy. A similar approach was
taken in our previous work.21 To calculate the defect formation energy
of an oxygen vacancy, the energy of a reference isolated spin triplet
oxygen molecule must also be calculated. This is achieved by
simulating the oxygen molecule in a large cubic cell using the same
calculation conditions used for the GB calculations. We obtain an
energy of −9.09 eV for the oxygen molecule. It must be noted that
DFT calculations are often affected by the well-known inability to
correctly describe the O2 binding energy leading to significant
overstabilization of the O2 molecule. To estimate this error we follow
the procedure of Tompsett et al.13 whereby Mn reduction and oxygen
vacancy formation are both considered in the following reaction:

→ +MnO
1
2

Mn O
1
4

O2 2 3 2(g) (3)

By combining the reaction enthalpy calculated using the GGA+U
with the experimental enthalpy (40 kJ mol−1),43 we obtain a correction
value of 1.08 eV. This value is applied to all the oxygen vacancy
formation energies reported in this work.

3. RESULTS AND DISCUSSION
3.1. Stability and Structure of the Stoichiometric Σ

5(210)/[001] GB. It is well-known that the electronic
properties of semiconductor materials are largely influenced
by GBs and the high concentration of defects that exist at these
interfaces. However, before discussing the electronic and

defective structures, it is essential that we assess the stability
of our stoichiometric GB model and analyze its local structure.
As discussed previously, we could find very little experimental
analysis of the local structure of β-MnO2 GBs, so comparisons
in this section are made to previous computational works and
rutile TiO2.
Crystal structures of the GB before and after optimization

and translations are given in Figure 2. Our GGA+U calculated
interfacial energy for the Σ 5(210)/[001] GB is 0.36 J m−2.
This value is considerably lower than the value obtained for the
same GB using interatomic potentials (1.53 J m−2). Although
the energy difference between these two methods is large, it is
not uncommon for DFT calculations to predict significantly
more stable GBs compared to lattice statics for some
materials.42 Testing also confirmed a similar energy difference
between the lattice statics and DFT values for the Σ 5(310)/
[001] MnO2 GB. This strongly suggests that DFT is better at
producing more stable GB structures for this material
compared to classical methods. The Σ 5(210)/[001] MnO2
GB is far more stable than its equivalent structure in rutile TiO2
when calculated using both ab initio and interatomic potential
methods.36−38 DFT calculations by Körner and Elsas̈ser36 give
a Σ 5(210)/[001] GB energy of 1.92 J m−2. Dawson et al.37

also used DFT to calculate an energy of 1.72 J/m−2 for the Σ
5(210)/[001] GB. This value is marginally higher than the
value of 1.70 J m−2 calculated using interatomic potential
methods.39 There are numerous reasons as to why such a
difference in GB energies is observed. These include insufficient
cell sizes used in the previous calculations and the fact that two
different rutile structured materials will not have the exact same
GB energies. It is also possible that rigid body translations were
not considered in some of the previous works.
Comparison of Figure 2a,b shows that the translations

applied to this GB to achieve the lowest energy structure are

Figure 2. Crystal structures of (a) the unoptimized, starting β-MnO2 Σ 5(210)/[001] GB configuration and (b) the optimized, lowest energy final β-
MnO2 Σ 5(210)/[001] GB configuration.
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subtle. This to be expected given that the Mn−O interatomic
distances at the GB of the initial structure are similar to that of
the bulk (1.88 and 1.90 Å), and it also explains why this
boundary is low in energy. This is not true for other β-MnO2
GBs, where octahedral distortion and undercoordination are
common and the energy is therefore considerably higher.21 The
Mn−O bond distances for ions closest to the GB core are
illustrated in Figure 3. Although there is some distortion of the

octahedra at the GB, most coordination of the ions is preserved.
However, two of the oxygen ions are overcoordinated, as is the
Mn3 ion. The O3 and O8 ions have increased 4-fold
coordination, and the Mn3 ion has 7-fold coordination. This
results in long Mn3−O3 and Mn7−O8 bonds, which measure
2.557 and 2.560 Å, respectively. It has been previously been
reported that undercoordinated oxygen ions at the surface are
likely to be adsorption sites for hydrogen when the material is
used as a supercapacitor electrode,13 so indeed the opposite is
likely true for overcoordinated oxygen ions. The majority of
bonds have been lengthened or shortened compared to the
equilibrium bulk values, but only by a small margin. Our
structure is in good agreement with previous works39,40 in that
it shows no significant rigid-body contraction or expansion.
3.2. Electronic Structure of the Stoichiometric Σ

5(210)/[001] GB. Figure 4 shows the calculated total density
of states (TDOS) for the β-MnO2 perfect crystal and the Σ
5(210)/[001] GB. Local partial DOS (PDOS) for Mn3 and
Mn7 ions and O3 and O8 ions at the GB core are also
displayed. For all these plots, the zero is aligned with
uppermost occupied state at the top of the valence band.
The formal oxidation state of Mn is β-MnO2 is 4+. Octahedral
field splitting means the energies of the 3d orbitals of the Mn4+

ions are divided into t2g and eg symmetry states with an
electronic configuration of t2g

3 eg
0. The t2g majority states are

occupied, while the eg majority states are empty.
Although the general shape of the TDOS for the bulk crystal

and the GB are similar, there are important differences. β-
MnO2 is a semiconducting material with a small bandgap44 that
has not yet been experimentally determined. Our calculated
value of 0.7 eV is in qualitative agreement with this and is also
in good agreement with previous GGA+U calculations (0.8
eV).32 The importance of using Hubbard U corrections with
full anisotropy for analyzing the electronic properties of this

material has recently been assessed.32 The results show that the
use of the “effective” U correction cannot reproduce the
bandgap and yields a metallic DOS. Figure 4(b) shows that the
GB structure produces extra electronic states in the bandgap
which results in the bandgap being reduced to 0.4 eV. Reduced
bandgaps have also been observed for β-MnO2 surfaces.

45 In
addition, these surfaces were found to be metallic.
To find the origin of these additional states we carried out

local PDOS analysis on ions near the GB, with particular focus
on the overcoordinated ions. Overcoordination of two oxygen
ions at the GB core produces a sharp 2p state near the valence
band maximum, clearly shown by Figure 4c. This over-
coordination influences the electronic nature of the bonded Mn
ions and causes the formation of extra gap states near the
bottom of the conduction band. In addition to over-
coordination, other common features in GBs like bond
bending, stretching and shortening can also have a dramatic
effect on the electronic structure. However, distinguishing the

Figure 3. Illustration of the optimized Mn−O bond distances (Å) for
ions closest to the Σ 5(210)/[001] GB core.

Figure 4. Total DOS for the (a) β-MnO2 perfect crystal, (b) β-MnO2
Σ 5(210)/[001] GB and (c) combined local PDOS for the Mn3, Mn7,
O3 and O8 ions (as labeled in Figure 3) at the Σ 5(210)/[001] GB
core.
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individual contribution of each of these factors is difficult.
Similar results have recently been observed for a LiCoO2 twin
boundary46 where the different bonding natures of oxygen ions
at the boundary cause the formation of additional states in the
bandgap near both the valence band maximum and conduction
band minimum. It was also suggested that such results indicate
localized states at the interface plane which could provide local
electron conduction at the GB core. Bader charge analysis
shows a charge transfer from the O3 ion to the Mn3 ion and
from the O8 ion to the Mn7 ion. The bulk oxygen Bader charge
is 7.12 electrons (PAW_GGA pseudopotential has 6 electrons)
which is reduced to 7.03 for both O3 and O8. For bulk Mn, the
Bader charge is 4.76 electrons (PAW_GGA pseudopotential
has 7 electrons), which increases to 4.94 for both Mn3 and
Mn7. This suggests an increase in covalent character or weak
metal−metal interactions. Similar interactions have previously
been shown to influence bulk magnetic properties.32

3.3. Oxygen Vacancy Formation and Catalytic Activity
at the Σ 5(210)/[001] GB. The formation of oxygen vacancies
and the reduction of Mn4+ to Mn3+ are essential for the catalytic
applications of MnO2. Many previous wroks have examined the
importance of these defects for catalyzed reactions like
ORRs4,47−49 and the enhancement they can have on catalytic
performance.4,13 To date the most comprehsive study of
oxygen vacancy formation at the interfaces of β-MnO2 is the
work of Tompsett et al.13 where DFT+U was used to calculate
formation energies for a number of β-MnO2 surfaces. Oxygen
vacancy energies for each surface simulated were lower than the
respective value obtained for the bulk material. Furthermore,
the calculated values were lower than those for rutile TiO2
surfaces. It is suggested that such favorable oxygen vacancy
defects may play a signifcant role in the favorable catalytic
performance of β-MnO2. While other studies have considered
oxygen vacancies with high oxygen vacancy concentrations,18,19

it is thought that it is dilute, low concentration, oxygen
vacancies that are most important for catalytic properties. In
this work, we carry out the first ab initio study of oxygen
vacancies in a β-MnO2 GB. We compare our results to DFT
calculations for the bulk and surface structures as well as
interatomic potential calculations for several GB structures.
The oxygen vacancy defect formation energies for the Σ

5(210)/[001] GB using eq 2 are given in Table 1. The
formation energy calculated for the bulk material is 2.75 eV,
this value is larger than all those calculated for the potential
vacancy sites in the GB. This suggests that GBs are likely to be

far more catalytically active than the bulk. Given the differences
between the methodologies used, comparison previous lattice
statics calculations is purely qualitative, however the previous
also show facile oxygen vacancy formation for a series of β-
MnO2 GBs including Σ 5(210)/[001].21 The results are also
similar to those of Tompsett et al.13 where oxygen vacancy
formation is favored at β-MnO2 surfaces. It is noteworthy that
for the O2 and O6 sites, the oxygen vacancy formation energies
are lower than any calculated for the surface structures. The
difference in formation energy between these two sites and our
calculated bulk value is also significantly larger than any energy
difference between the surface and bulk oxygen sites calculated
by Tompsett et al. It is currently unclear how the contribution
of the GBs to the catalytic properties compares to that of the
surfaces, especially for nanostructured samples. This topic will
be discussed in a subsequent publication.
The majority of the calculated oxygen formation energies are

similar (2.23−2.47 eV). The exceptions are the O2, O3, O6 and
O8 sites, which are now discussed in more detail. The O3 and
O8 ions are overcoordinated and bonded to four Mn ions; this
results in each ion having two standard length Mn−O bonds
and two weaker, longer Mn−O bonds with more covalent
character. These weaker bonds and the distortion to the lattice
caused by the overcoordination results in the lower oxygen
vacancy formation energies of 1.88−1.89 eV. The O2 and O6
ions have the lowest vacancy formation energies calculated.
Although all ions at the GB experience some local distortion,
the distortion is much greater around these two ions. Figure 5a
shows the local structure of the standard tricoordinated oxygen
ion in bulk β-MnO2. Figure 5b,c shows the local structure of
the tricoordinated O2 and O6 ions, respectively. In the bulk
structure, a perfect 360° trigonal planar is observed, whereas for
the O2 and O6 ions in the GB structure, this geometry is
significantly distorted, resulting in a reduction of the total
coordination angle of ∼16°. In addition, bulk oxygen
coordination consists of one longer Mn−O bond (1.90 Å)
and two shorter Mn−O bonds (1.88 Å). This is reversed for the
O2 and O6 ions, where instead only one shorter, stronger bond
is formed along with two longer, weaker bonds. It is this
distortion that results in the low vacancy formation energies
calculated for these two oxygen ions.

3.4. Electronic Structure of the Oxygen Deficient Σ
5(210)/[001] GB. Analysis of the oxygen deficient GB
electronic structure reveals that the change in the nature of
the bandgap is very much dependent upon the oxygen ion
removed. Although the removal of most oxygen ions results in
additional spin-polarized gap states (thus reducing the bandgap
even further), the removal of the O4 ion actually causes a small
increase in the bandgap of the GB DOS. The TDOS for the O4
and O6 vacant structures are displayed in Figure 6. These two
vacancies have been chosen for further discussion as they
exhibit different results with regard to the bandgap and also
have the highest and lowest vacancy formation energies,
respectively. The removal of O4 produces a bandgap of 0.45
eV, 0.05 eV larger than the stoichiometric GB, whereas the
removal of O6 has no effect on the bandgap size. Other
vacancies cause reductions in the bandgap of between 0.05 and
0.2 eV. Another interesting feature of these TDOS is the half-
metallic behavior. This is clear from the fact that in the
bandgap, the spin-up states are insulating, while the spin-down
states are conducting. Similar electronic behavior is also
observed for the other oxygen vacancies. Metallic behavior
has also been calculated for the oxygen-deficient β-MnO2 (311)

Table 1. Oxygen Vacancy Formation Energies Based on eq 2
for the β-MnO2 Σ 5(210)/[001] GBa

oxygen site ΔEF (eV)

O1 2.23
O2 0.71
O3 1.89
O4 2.47
O5 2.45
O6 0.70
O7 2.33
O8 1.88
O9 2.43
O10 2.44
bulk 2.75

aOxygen ions are labelled according to Figure 3.
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surface by Tompsett et al.13 and for a variety of stoichiometric
β-MnO2 surfaces.

45 It has also been reported in experimental

studies of bulk44 and nanocrystalline50 samples with oxygen
vacancies. Given that the bandgap of this material is small, one
could expect that the formation of metallic states is low in

energy.

In addition to β-MnO2, half-metallicity has previously been
observed in the surfaces of a number of metal oxides.51

Recently, it has also been confirmed in the surfaces52 and GBs53

of Li2O2. The half-metallic behavior in these materials results
from the loss of coordination and charge depletion of oxygen
ions at oxygen-rich surfaces, resulting in the formation of 2p
holes in the valence band. Given that this behavior is usually

Figure 5. Illustrations of the local structure of (a) an oxygen ion in bulk β-MnO2, (b) the O2 ion in the β-MnO2 Σ 5(210)/[001] GB and (c) the O6
ion in the β-MnO2 Σ 5(210)/[001] GB.

Figure 6. TDOS for the β-MnO2 Σ 5(210)/[001] GB with (a) an O4 vacancy and (b) an O6 vacancy. Plots showing the bandgap in more detail are
provided on the right.
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present in oxygen-rich/terminated surfaces, cation vacancies are
also found to induce metallicity.51 However, as it is oxygen
vacancies in this work causing the metallic behavior, it is
unlikely that such a mechanism is true, as the charge resulting
from the oxygen vacancy should become localized on the Mn
ions, causing them to be reduced. It is interesting that even Li-
rich polar surfaces have been shown to exhibit nonmagnetic
metallic behavior also.52 Half-metallicity is common in many
other stoichiometric and oxygen deficient metal oxide systems
containing d electrons.54−57 As with the overcoordinated
oxygen ions in the stoichiometric GB, such behavior may
result in enhanced conductivity localized at the GBs.
Furthermore, it is important that this behavior is observed
not only for the oxygen ions with the most distorted local
chemical environment (e.g., O6), but also ions with high
vacancy formation energy and almost bulk-like local structures
(e.g., O4). To further investigate this phenomenon, we analyze
the charge density isosurfaces of the oxygen deficient GBs and
carry out Bader charge analysis.
Isosurfaces of the charge density difference for the O4 and

O6 deficient GB structures are given in Figure 7. These were
computed from the density of the vacancy defect system plus
the spherically symmetrized density of an isolated gaseous
triplet oxygen atom placed at the vacancy position, minus the
density of the defect-free system. In bulk β-MnO2, the excess
charge density is localized on the two nearest Mn ions to the
oxygen vacancy. This is in full agreement with eq 2 with two

Mn ions becoming reduced to achieve charge compensation.
Similar results are reported for DFT calculations of the β-MnO2
(110), (001) and (211) surfaces.13 The charge density
isosurfaces for the oxygen deficient GB structures exhibit very
different behavior to the bulk. The charge is delocalized over
many Mn and O ions as the GB and becomes metallic upon
vacancy formation. Similar behavior was also observed for the
β-MnO2 (311) surface.13 This charge is primarily confined to
the GB region meaning that these interfaces could potentially
assist the supply of electrons during catalytic reactions. Bader
charge analysis also shows that the charge is spread over a
number of Mn and oxygen sites at the GB. However, despite
the charge delocalization, the closest Mn ions to the vacancy
sites still possess the largest distribution of charge resulting
from the vacancy formation with values of ∼5 electrons
(compared to 4.76 electrons in the bulk). There is no
significant charge depletion of oxygen vacancies close to the
vacancy site as has been recently calculated for Li2O2 surfaces

52

and GBs.53 Any minor charge depletion of oxygen ions remains
reasonably consistent over the majority of oxygen ions at the
GB.

4. CONCLUSIONS
GGA+U calculations have been employed to study the
structural and electronic properties of the β-MnO2 Σ 5(210)/
[001] GB. We consider both the stoichiometric GB and the
formation of oxygen vacancies. The GB structure is found to be
stable with little distortion and most ion coordination
preserved. Some ions are, however, found to be over-
coordinated. The electronic GB structure has additional states
within in the bandgap compared to the pristine structure, which
results in a 0.3 eV reduction of the bandgap. These localized
states are found to be caused by the overcoordinated ions at the
GB and may produce electronic conduction pathways that are
confined to the interface. Bader charge analysis shows that the
longer bonds formed as a result of overcoordination are
covalent in character. Oxygen vacancy formation energies (with
the resulting reduction of Mn ions) are found to be lower for all
GB oxygen sites compared to bulk β-MnO2. Some energies are
also lower than values recently calculated for β-MnO2 surfaces.
Our results suggest there is high catalytic activity at the GBs of
this material. The majority of oxygen vacancies produce
additional spin-polarized gap states, meaning a further
reduction in the bandgap; conversely, some vacancies actual
no such reduction and some marginally increase the bandgap.
All oxygen vacancies produce metallic behavior at the GB,
which creates potential for enhanced conductivity that is
localized at the GBs.
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